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Abstract 

The present investigation examines the effects of manufacturing process on the total axial 
strain controlled low cycle fatigue behavior of polycrystalline NiAl at 1000 K, a temperature 
above the monotonic brittle-to-ductile transition temperature (BDTT). The nickel aluminide 
samples were produced by three different processing routes: hot isostatic pressing of pre- 
alloyed powders, extrusion of prealloyed powders, and extrusion of vacuum induction melted 
ingots. The LCF behavior of the cast plus extruded material was also determined at room 
temperature (below the BDTT) for comparison to the high temperature data. The cyclic 
stress response, cyclic stress-strain behavior, and strain-life relationships were influenced by 
the alloy preparation technique and the testing temperature. Detailed characterization of the 
LCF tested samples was conducted by optical and electron microscopy to determine the 
variations in fracture and deformation modes and to determine any microstructural changes 
that occurred during LCF testing. The dependence of LCF properties on processing route 
was rationalized on the basis of starting microstructure, brittle-to-ductile transition 
temperature, deformation induced changes in the basic microstructure, deformation 
substructure, and synergistic interaction between the damage modes. 
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There would be considerable benefit in developing new structural materials where high use 
temperatures and strength coupled with low density are minimum capabilities. In pursuing 
this goal, ordered intermetallic alloys have been the subject of intensive investigation for at 
least the last decade. Of the many intermetallic alloys under initial consideration, NiAl is 
one of the few systems that has emerged as a promising candidate for further development. 
This is due to a number of property advantages including low density, high melting tempera- 
ture, high thermal conductivity, excellent environmental resistance, a relatively low brittle- 
to-ductile transition temperature (BDTT), and the potential for significantly improving creep 
resistance through alloying [1-4]. 

However, B2 nickel aluminides are challenged by a lack of ambient temperature ductility and 
toughness. These deficiencies severely limit possible applications and impose limits on the 
fabrication and forming of these materials. The lack of ductility at room temperature has 
been attributed to an inherently low cleavage stress, which is partly attributed to a low 
mobile dislocation density, and the inability to initiate a sufficient number of independent 
slip systems to satisfy the von Mises criterion for generalized plasticity of a polycrystalline 
aggregate [2-7]. Efforts at resolving these problems in NiAl have met with little success. 
Ductility improvements through ternary alloying additions have been unsuccessful to date 
except in the case of Fe, Ga, or Mo additions to single crystal NiAl; where improvements 
in ductility from 1% to nearly 6% were achieved [1,8]. However, due to the grain 
boundary compatibility issue, no similar improvements in ductility have been reported in 
polycrystalline alloys [7, 9-11]. However, improvements in the processing and 
compositional control of binary stoichiometric NiAl have resulted in limited, but at least 
consistent and reproducible, room temperature ductilities on the order of 1-3% [4,7,10,12- 
15]. These polycrystalline alloys are typically produced by extrusion of cast ingots. 

At intermediate temperatures and moderate strain rates, tensile ductility is no longer a 
serious limitation. Extruded NiAl undergoes a dramatic brittle-to-ductile transition in the 
range of 550 - 700 K. Significant increases in tensile elongation [3,7,10,12,14], fracture 
strength [7,10,12,14] and fracture toughness [16-18] have been reported in this temperature 
range with an associated tendency towards more ductile fracture [6,7,14]. Several studies 
have suggested that thermally activated deformation processes, such as localized dislocation 
climb, provide the additional deformation mechanisms necessary to maintain grain boundary 
compatibility, thus, contributing to the sharp transition from brittle to ductile behavior 
[5,7,14,19]. 

While a reasonable understanding of the monotonic flow and fracture behavior of 
polycrystalline NiAl has been achieved [1-19], much less is known about the cyclic behavior 
of NiAl alloys. Consequently, specific attention has recently been directed toward the strain 
controlled low cycle fatigue (LCF) behavior of polycrystalline NiAl at room and elevated 
temperatures [20-24]. Lerch and Noebe [20,24] have performed room temperature and 1000 
K fatigue tests on cast plus extruded polycrystalline NiAl at plastic strain ranges between 
0.06% and 0.2% at a total strain rate of 10 3 s* 1 . At room temperature NiAl work hardened 
continuously during testing and failed in a predominantly intergranular mode [20]. Similar 
room temperature behavior has been observed by Edwards and Gibala [21]. At 1000 K, 
very little change in the stress response occurs over the life of the test and the fatigue life 
behavior follows the typical Coffin-Man son relationship [24]. 


246 



Cullers et al. [22,23] evaluated the LCF deformation of powder extruded NiAl between 600 
K and 700 K employing rather high plastic strain ranges of 0.5% and 1.0%. These tests 
were performed very near the BDTT of the material and fatigue lives were limited to 1000 - 
3000 cycles. In this temperature range, the cyclic stress response displayed three stages of 
behavior; the material work hardened for the first few cycles and then reached a plateau, 
followed by an additional region of work hardening very near the end of sample life. As 
the test temperature was increased or strain range decreased, both the initial hardening rate 
and relative saturation stress decreased. These changes in stress response have been 
correlated with the continuously evolving dislocation structures during the LCF tests. 

Though many of the LCF studies were conducted on cast and extruded material [20,21,24], 
in actual applications the components may likely be manufactured to near net shape, by 
powder metallurgy techniques such as hot isostatic pressing (HIP), forging, or powder 
extrusion (PE). Powder metallurgy processing techniques have the advantage of being both 
economical and reproducible. These benefits are due in part to the ability to obtain near net 
shape components that significantly limits the amount of post-process machining. However, 
the soundness of the product depends on the purity of the starting powders and the amount 
of residual porosity at the end of processing. In addition, the naturally occurring oxide 
scales on the powder particles result in prior particle boundaries after consolidation. While 
prior particle boundaries are generally broken up during extrusion can be a serious concern 
in hipped consolidated components. Non-metallic inclusions and porosity have been shown 
to decrease the LCF life of powder metallurgy nickel-based superalloys [25]. These 
imperfections have been shown to act as sites for crack initiation, with their detrimental 
effects more pronounced in relatively hard materials of limited flow capacity [26], Further- 
more, hip consolidation of powders requires relatively long exposure times at high tempera- 
tures that generally results in a product with larger grains. Coarse grain size is detrimental 
in that it accentuates the synergistic interactions between LCF damage, creep and oxidation 
at elevated temperatures [27,28]. The effect of creep and oxidation on an alloy’s cyclic life 
can be considerable, reducing it by orders of magnitude [29,30]. 

Consequently, with limited data available for intermetallics there is a need to asses the 
effects of processing route on cyclic properties of nickel aluminides. Therefore, the present 
investigation was undertaken to characterize the effects of processing on the LCF life and 
cyclic stress response of polycrystalline NiAl at 1000 K. The processing routes employed 
include the more common extrusion of cast ingots (CE), extrusion of prealloyed powders 
(PE), and hot isostatic pressing (HIP) of prealloyed powders. For comparison, data on the 
CE material tested at 300 K is also presented. A detailed examination of the microstructural 
changes and the crack initiation and propagation behavior has also been conducted with a 
view to understanding the features that may influence the LCF life and cyclic stress response 
at room and elevated temperatures. 

Experimental procedures 


Material processing 

Hi pped Processed NiAl (HP): Vacuum atomized -20/ +325 mesh prealloyed powders of 
stoichiometric NiAl were obtained from Homogeneous Metals, Inc (Heat P1418). The 
powder was packed into two 304 stainless steel cans approximately 96 mm in diameter by 
150 mm in length. The cans were evacuated and hot isostatically pressed at 1533 K and at 
a pressure of 241 MPa for 5 hours. These hipping conditions are essentially the minimum 


247 



necessary to produce full consolidation while minimizing time at temperature. 

Powder Extruded NiAl (PEI: A second heat of vacuum atomized powder was also obtained 
from Homogeneous Metals, Inc (Heat P2098). From this heat, -100/ +325 mesh powder 
was packed into mild steel extrusion cans that were subsequently evacuated and extruded at 
1200 K at an area reduction ratio of 12:1. 

Cast & Extruded NiAl (CE): Cast and extruded NiAl material was produced by vacuum 
induction melting commercially pure Ni and A1 at the equiatomic composition and casting 
into copper chill molds. Two cropped NiAl ingots, nominally 38 mm in diameter and 95 
mm in length, were canned in mild steel and extruded at 1200 K at an area reduction ratio 
of 12:1. 

Low cycle fatigue testing 

Cylindrical fatigue samples, 13 mm in diameter by 127 mm in length (Fig. 1) were ground 
from either the extruded bars or electro-discharge machined blanks of NiAl. To facilitate 



Figure 1 - Geometry of low cycle fatigue specimen (All dimensions are in mm). 

the observation of deformation and damage, the reduced gage section of each specimen was 
electropolished in a 10% perchloric acid-90 % methanol solution at 20-25 volts, 1 amp, and 
208 K prior to LCF testing. LCF tests were performed at 300 and 1000 K in air under a 
fully-reversed, axial strain-controlled mode. A triangular strain-time waveform was 
employed for the tests conducted over strain amplitudes in the range 0.1 to 0.5% and at a 
strain rate of lO'V 1 . 

Since room temperature notch sensitivity and brittleness of this material precluded the 
welding of thermocouples onto the test specimens, temperature was measured and controlled 
by an infrared pyrometer. The temperature gradient along the gage length was determined 
with a NiAl control specimen that had three thermocouples spot welded along the gage 
length. The temperature gradient was no more than +5 K at the 1000 K test temperature. 
The infrared pyrometer was also calibrated to this thermocoupled control specimen. 

Microstructural characterization 

The fracture surfaces of fatigued samples were examined by scanning electron microscopy 
(SEM) paying special attention to the mechanisms of crack initiation and propagation. The 
deformation substructure was evaluated by transmission electron microscopy (TEM). 
Samples for TEM examination were taken from thin slices cut from gage portions of the 
fatigue specimens. The slices were mechanically thinned to 150/xm followed by electrolytic 
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thinning to 1000 A in a bath containing 70 pet. ethanol, 14 pet. distilled water, 10 pet. 
butylcellusolve, and 6 pet. perchloric acid at a potential of 25V and at temperatures between 
263-268 K. Thin foils were examined in a JEOL 100C microscope operating at an 
accelerating voltage of 120 keV. 


RESUL TS 

Chemical composition and microstructure 

The average chemical composition and grain size of NiAl obtained at the end of different 
processing routes are given in Table I. Grain size distribution was measured as 
recommended in ASTM standards El 12 and El 181. The HP alloy had larger grains and a 




Figure 2 - a) TEM micrograph showing alumina particles in HP NiAl; b) SEM 
micrograph of CE material indicating casting void that remained after the extrusion process. 
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larger variation in grain size compared to the fully recrystallized extruded materials (CE and 
PE). The HP material contained prior particle boundaries that were composed of narrow 
stringers of fine A1 2 0 3 particles (Fig. 2a). The CE material contained internal voids, which 
were aligned parallel to the extrusion axis (Fig. 2b). Despite the 12:1 reduction ratio during 
extrusion, this material contained residual porosity, probably owing to the presence of 
entrapped gas. The PE alloy was fully consolidated with fewer defects than the CE or HP 
material. 

Monotonic behavior 

The monotonic tensile behavior for the materials investigated is shown in Table n. At room 
temperature, the HP material had zero tensile ductility and therefore, was not fatigue tested 
at this temperature. The two extruded materials did exhibit limited tensile ductility, on the 
order of 1 % . With increasing temperature NiAl reaches a very sudden brittle-to-ductile 
transition, occurring over a very narrow temperature range. However, the specific transition 
temperature is dependent on strain rate, composition, grain size and processing condition 
[3,6,7,14,18,24]. Therefore, the BDTT’s for the materials investigated in this study are 
listed in Table II for a strain rate of 10 3 s* 1 . As evident from Table n, a test temperature 
of 1000 K represents a condition above the BDTT for all the materials investigated, 
regardless of processing route. Above the BDTT, all three materials exhibit extensive 
tensile ductility ( >25%) before fracture and a fracture toughness greater than 30 MPa/ m 
[16-18]. The initial yield portion of the monotonic tensile stress-strain curves at 1000 K is 
shown in Fig. 3. The elastic moduli determined from the 1000 K tensile tests were 160, 125 



Strain 


Figure 3 - Initial portion of monotonic tensile curves at 1000 K for NiAl processed by 

different routes. 
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and 140 GPa for the HP, PE and CE NiAl, respectively. The HP material yields at a 40% 
greater stress compared to the PE and CE materials (Table II). Additionally, each material 
exhibits a slight yield point (Fig. 3). Although the UTS was not captured at 1000 K (since 
only the initial portion of the stress-strain curve was recorded), the material did not harden 
substantially, and therefore the UTS is not expected to be much larger than the 0.2% yield 
strength. 

Stress response during cyclic loading 

Typical hysteresis loops for CE NiAl at 300 K are shown in Fig. 4a for a sample tested at 
a total strain range of 0.44% . During the first cycle a yield point and some discontinuous 




Figure 4 - a) Hysteresis loops for CE material tested at 300 K (A€ t = 0.44%); b) 
response stress for CE material tested at 300 K for two strain ranges. 
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yielding was observed. This yield point was also present in the compressive portion of the 
loop in subsequent cycles, although to a lesser extent, until after about a hundred cycles the 
curves became very smooth. The cyclic stress responses at two strain levels, obtained by 
plotting the tensile peak stress from the hysteresis loops against the respective number of 
cycles, are shown in Fig. 4b. At 300K, the CE alloy exhibited rapid cyclic hardening to a 
maximum stress, followed by, at low strain ranges, a decrease in stress and then a secondary 
hardening peak preceding fracture. 

Fig. 5 illustrates the effect of processing and applied strain range on the cyclic stress 
response of NiAl at 1000 K. Under identical loading conditions, the HP alloy generally 
displayed higher response stresses compared to PE and CE materials. The HP alloy 
exhibited a short period of cyclic hardening followed by a long period of gradual softening 
at high strain ranges, the stress maximum was attained within 10 cycles. At low strain 
ranges the hardening period was extended. The stress response curves of both PE and CE 
material resemble the behavior shown by the HP alloy at high strain ranges. Irrespective 



Figure 5 - Effect of processing on stress response of NiAl at 1000 K. 

of the material and testing conditions, however, the amount of hardening or softening 
observed at 1000 K was very small, with the largest change in stress being only 35 MPa 
(excluding the rapid drop-off at failure). This is considerably less than the 200-300 MPa 
increase in stress that was observed during room temperature fatigue testing of CE NiAl 
(Fig. 4b). 

Cyclic stress-strain behavior 


254 




Cyclic stress-strain curves (CSSC) at 1000 K for all three NiAl conditions are given in Fig. 
6. It is observed that the cyclic stress-strain relationship can be represented by a power law 
of the form: 

A <r/2 « K' (A6p/2)° 

where Act/ 2 = tensile stress amplitude at half-life 
K ' = cyclic strength coefficient 
n ' - cyclic strain hardening exponent 
Acp/2 = plastic strain amplitude at half-life 

The values of K ' and n ' are included in Table m for all three processing routes. The HP 
NiAl was much stronger as exemplified by a higher K' value; its n' value is also higher. 
The extruded versions of NiAl have identical strength and strain hardening characteristics. 
The CSSC of CE NiAl at 300 K (Table m), shows a low value of n ' compared to the values 
obtained at 1000 K. Also, the K ' value is significantly higher at 300 K due to the higher 
yield strength and the material’s high work hardening rate. 



Figure 6 - Cyclic stress - strain curves for different processing conditions at 1000 K. 
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Figure 9 - Fatigue life curves on a stress range basis. 


facilitate a comparison. On a total strain range basis (Fig. 7), the difference in failure life 
between PE and CE alloys is very small at 1000 K. The LCF lives of the HP alloy were 
much shorter than the extruded alloys, with a considerable reduction in life at lower strain 
ranges. The plastic strain fatigue resistance of the extruded materials was found to obey the 
Coffin-Manson relationship, (A6 p ) N f c = e f \ where e f ' and c are the fatigue ductility 
coefficient and fatigue ductility exponent, respectively. However, the Coffin-Manson plot 
(Fig. 8) of the HP NiAl shows a two slope behavior, and at plastic strain ranges < 0.004, 
the LCF life was much lower than what could have been obtained by extrapolation from high 
strain regimes. Table EH provides the values of the constants in the Coffin-Manson 
relationship for the three processing routes. The CE NiAl has a longer fatigue life at 1000 
K compared to the values obtained at 300 K, especially at large strain ranges. However, 
this trend was reversed on a stress range basis, as depicted in Fig. 9. Data for the HP and 
PE conditions are also shown in Fig. 9. It should be noted that the sharp drop-off in fatigue 
life seen in Figs 7 & 8 for the HP material is not observed on a stress range basis. 


Crack initiation, propagation and damage modes 

In the HP alloy, the crack initiation and initial propagation remained intergranular at all the 
strain ranges. In the later stages of life, due to tensile overload, fast fracture occurred by 
transgranular cleavage. Roughly, 20-40% of the fracture surface of the HP alloy was due 
to slow intergranular fatigue crack growth, which could be easily identified by a dark ring 
on the sample surface as a result of oxidation (Fig. 10a). At low strain ranges, a high 
percentage of grain boundaries were decorated with pear shaped voids (Fig. 10b), which 
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Figure 10 - a) Fracture surface of HP sample tested at 1000 K. Arrows indicate extent of 

slow crack growth. 



Figure 10 - b) Grain boundary voids in HP specimen tested at 1000 K. 
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could be regarded as damage due to creep. However, the grain boundaries that cavitated 
did not show any particular angular relationship with respect to the applied stress axis. At 
higher strain ranges, the gage surface portions of deformed samples revealed a significant 
number of intergranular secondary cracks and slip bands in the intragranular regions 
(Fig. 11). At low strain ranges, the density of secondary cracks was much lower with no 
evidence of gross slip bands in the grain interiors. 



Figure 11 - SEM micrograph of HP specimen tested at 1000 K (A* t = 0.88%) showing 
the presence of secondary cracks and intragranular slip on the gage surface. 

The PE NiAl exhibited intergranular fracture at all strain ranges. Characterization of the 
surface of fatigue tested samples showed brittle decohesion of the grain boundaries primarily 
in a direction perpendicular to the stress axis (Fig. 12a). The number of grain boundary 



Figure 12 - a) SEM micrograph showing brittle intergranular decohesion 
on the gage surface of a PE specimen tested at 1000K. 
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cracks was extremely high and propagation occurred by interlinkage of these intergranular 
cracks. The operation of this process has led to the coarse step like appearance of the 
fracture surface as illustrated in Fig. 12b. : 



Figure 12 - b) Back scattered SEM micrograph depicting intergranular fracture in a PE 
specimen tested at 300 K (Ac— 0.44%). 

Stable intergranular crack growth persisted over approximately 80% or more of the fracture 
surface of the CE material at 1000 K, regardless of the applied total strain range. The 
longitudinal sections of failed specimens revealed a high density of pores similar to those 
observed in the HP specimens. These pores were found throughout the gage section and 
provided a means of easy crack propagation from grain to grain. During LCF testing, the 
microstructure of the CE alloy was unstable and led to massive grain growth [24]. Results 
from experiments in which testing was interrupted after 785 cycles (10% of N f ) indicated 
that failure initiated by the simultaneous formation of several intergranular cracks on the 
surface. These observations suggest that the majority of life is spent in crack growth. It 
should be noted, that grain growth did not occur in the HP and PE sa mple s. 



site in CE specimen tested at 300 K. 
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At 300 K, the CE material experienced transgranular crack initiation and mixed-mode crack 
propagation. In all cases where fractography was performed, the fracture initiated from 
casting defects such as voids (Fig. 13). The CE NiAl at 300 K revealed only a small 
number of secondary intergranular cracks, indicative of its brittle behavior. 

Substructure induced by cyclic deformation 

Figures 14 and 15 show the typical substructure developed in the CE material at 300 K. 
The substructure at low strain ranges consisted of elongated cells (Fig. 14) with randomly 
distributed dislocations and dislocation tangles within the cell interiors. The propensity for 
cell formation decreased as the strain range was increased, and the substructure was 
increasingly composed of dislocation patches and clustering of dislocations in the form of 
thick bundles and veins (Fig. 15). The dislocation veins sometimes encompassed an entire 
grain. The vein structure was similar to that reported by Cullers et. al. [22,23] during LCF 
of the CE alloy at 600 K. At 1000 K and at low strain ranges, the CE alloy developed a 
continuous network of cells, whose walls were composed of dislocation tangles (Fig. 16), 
while at the high strain ranges the cell structure was not fully developed. The PE alloy 
showed cell formation at all the strain ranges with a tendency to form elongated cells at low 
strain ranges (Fig. 17). Fine dislocation loops and dipoles could be observed at several 
places in the regions of low dislocation density. The deformation behavior of the HP alloy 
was characterized by inhomogeneously distributed areas of high and low dislocation 
densities. The grain interiors had a very high density of dislocation loops and dipoles (Fig. 
18). The areas adjoining the grain boundaries developed a nearly complete cel 1 network, 
anchored by the nearby grain boundary. 



Figure 14 - Dislocation substructure consisting of cells in CE material tested 
at 300 K (Ae t = 0.44%). 


262 



Figure 15 - Dislocation substructure in CE material tested at 300 K (A6 t — 0.64%). 



Figure 16 - Dislocation substructure composed of cells in CE material tested at 1000 K. 
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Figure 17 - Dislocation substructure in PE material tested at 1000 K (A6 t 



Figure 18 - Dislocation substructure in HP material tested at 1000 K (Ae^ 


0 . 6 %). 


0.3%). 
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Discussion 


Cyclic stress response and cyclic stress-strain behavior 

The results clearly indicate that cyclic deformation and stress response of polycrystalline 
NiAl are highly sensitive to the processing route, strain range, and temperature employed 
during LCF testing. The fact that the cyclic stress at 1000 K remained high in the HP 
condition over the entire fatigue life compared to the extruded alloys, can be interpreted in 
terms of the operative deformation mechanisms and resulting substructural differences that 
were observed. In the HP alloy, the deformation substructure was composed primarily of 
dislocation tangles, loops and dipoles, while in contrast the substructure in the CE and PE 
material consisted of dislocation cells. The HP alloy showed a lesser tendency to form 
dislocation cells or subgrains suggesting that dislocation cross slip and climb were inhibited. 
Since the HP alloy had a significantly higher DBTT than the other two alloys, recovery 
processes are expected to be less, leading to a higher dislocation density and a more 
homogeneous dislocation structure in the HP material. The cyclic hardening and high 
response stresses and relatively higher strain hardening exponent in the HP material seems 
to result primarily from these differences in deformation behavior. Similarly, the cyclic 
softening and low strain hardening values of the two extruded materials is a direct result of 
the recovery process that led to the cellular dislocation substructure. In the HP alloy, the 
high cyclic stresses could arise from the hardening associated with the slightly higher 
deviation from stoichiometery observed for Heat PI418 material. The presence of Ni-antisite 
atoms, that result as a consequence of the slight Ni-rich deviation in stoichiometery has been 
reported to increase the hardness and flow stress of NiAl [2-4], as well as its BDTT [12,14]. 

The cyclic stress response of the CE alloy at 300 K is considerably different than what has 
been observed at 1000 K and is characterized by pronounced hardening. Regions of rapid 
hardening were also observed by Cullers et. al. [22,23] in tests performed near the BDTT. 
By conducting interrupted tests, these authors were able to show that the substructure 
changes from cells in the stress saturation domain, to well aligned dislocation veins in the 
rapid hardening domain that immediately preceded failure. The substructure at 300 K in the 
current investigation also contained dislocation veins. 

Fatigue life and failure behavior 

The combination of mechanical test data, stress response curves, and ffactographic 
information enabled conclusions to be drawn about the various factors that control the cyclic 
life of NiAl at 1000 K. The fatigue life curves in Figs. 7 & 8 indicate that the HP alloy has 
shorter lives, by approximately a factor of 3, compared to the extruded alloys. All three 
materials displayed intergranular crack initiation and propagation, but the extent that 
intergranular cracking propagated before the onset of cleavage overload fracture varied 
substantially. The high response stresses in the HP alloy can lead to a large stress 
concentration at the crack tip, which would account for increased crack growth rates and 
hence a reduced number of cycles in the crack propagation stage. Higher response stresses 
would also act to reduce the critical crack size for final fracture reducing the number of 
cycles to failure. The HP alloy, in fact, had a much smaller zone of slow and stable 
intergranular crack growth compared to the extruded alloys. This observation suggests that 
unstable crack propagation has set in much earlier in the HP alloy. 
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At high plastic strain ranges, the slope of the Coffin -Manson plots (Fig. 8) were 
approximately equal, indicating that the mechanisms responsible for limiting life were similar 
in all the conditions. At plastic strain ranges below 0.3%, a change in the slope of the HP 
alloy became apparent. Non-ideal strain-life behavior resulting in a discontinuity has also 
been observed in several nickel-base superalloys [36-38], aluminum alloys [39], magnesium 
alloys [40], and dual-phase steels [41]. The bilinear nature of the plots has been correlated 
with: (i) the differences in crack initiation and propagation modes at low and high strain 
ranges, (ii) the differences in deformation mechanisms and (iii) the synergistic interaction 
between fatigue, creep and oxidation. 

In the current study, in the long life regime (low strain ranges), there was significant 
interaction between fatigue and other time dependent processes (i.e,, oxidation and creep) 
compared with that at low lives (high strain ranges). Analysis of longitudinal sections 
clearly revealed the occurrence of intergranular creep cavities, but no triple point wedge 
cracks, in all the processed conditions. Though quantitative assessments have not been made, 
it is to be expected that the HP alloy will contain a larger number of these cavities due to 
the presence of the alumina particles on the boundaries. It is well established that secondary 
phases on the grain boundary provide suitable nucleation sites for intergranular cavities [27- 
29,42]. These isolated creep cavities grow by the diffusional transport of vacancies or by 
the deformation of matrix material and, therefore, do not necessarily require grain boundary 
sliding. In fact, the stress concentrations in the grain boundary regions will not be easily 
relieved in the HP alloy due to the limited amount of recovery and this could become a 
contributory factor for stress assisted diffusional growth of voids. 

An air environment also plays an active role in accelerating damage during fatigue at 1000 
K and is, therefore, another factor contributing to a reduction in fatigue life [24]. The true 
effect of environment can be assessed from comparative evaluation of tests conducted in air 
and vacuum: if the endurance is increased in vacuum, then it may be generally construed 
that environment was responsible for the initial life degradation. A factor of almost three 
increase in life was observed for the HP material when run in vacuum (1 X 1CF 6 torr) 
compared to testing in air [24]. However, the two slope behavior still persisted in vacuum 
and the samples at low strain ranges also succumbed to intergranular creep cavitation. These 
observations suggest that the sharp decline in the life of the HP alloy at low strain ranges 
in air is a result of a strong synergy between fatigue, creep and oxidation. 

Environmental damage during fully reversed loading at high temperatures has been shown 
by several investigators to play a significant role in governing fatigue life [27-29,45-48]. 
The acceleration of intergranular initiation and propagation in oxidizing environments is 
related to the existence of the grain boundary as a path for fast diffusion and chemical 
reactions [28,43]. The absorption and inward diffusion of the oxygen atoms down the grain 
boundaries can cause a reduction in surface energy and, presumably, in the cohesive strength 
across the grain boundary [44]. This effect may initiate sliding in the contaminated 
boundary and hence promote subsequent cracking. Such effects were observed in all three 
NiAl materials. 

So far, the role of oxide particles has not been seriously considered. There is ample 
evidence to suggest that die LCF life is related to the size, shape and location of 
microstructural defects in stainless steels [49] and superalloys [50,51]. One recent study has 
indicated that porosity and inclusions will reduce strain controlled fatigue life of austenitic 
stainless steel welds by a factor of seven relative to sound weld metal [49]. The 
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probabilistic distribution and location of such defects also increases the scatter of LCF life. 
The oxide particles in the HP alloy are a source of concern and could initiate cracks under 
cyclic loading in the first cycle. Therefore, the variation of the oxide particles in the HP 
samples could be expected to be a large source of scatter in the LCF life of HP specimens 
tested at low strain ranges leading to the apparent discontinuity in strain-life behavior. 
Therefore, a very large number of specimens would have to be tested to get reliable life 
results for the HP alloy at low strain ranges. In order to improve the fatigue life of the HP 
alloy, strict control over the powder cleanliness needs to be exercised. 

Conclusions 

Based on the detailed investigations conducted on the low cycle fatigue behavior of 
poly crystalline NiAl at 1000 K, the following conclusions can be drawn: 

a) Typically all three NiAl materials exhibited relatively little cyclic hardening or softening 
at 1000 K. However, the HP alloy displayed a higher cyclic stress response at all the strain 
ranges. 

b) The higher stress response in the HP alloy has been attributed to a more homogeneous 
dislocation substructure, to the presence of significant dislocation debris, and a possible 
deviation in stoichiometery . The lower stress response of the extruded alloys seems to result 
from the occurrence of cross slip, dislocation climb, and the consequent arrangement of 
dislocations into cells. These differences in substructure were traced to the proximity of the 
fatigue test temperature to each material’s DBTT. 

c) Cast plus extruded and powder extruded alloys exhibited similar lives under identical 
strain ranges. The HP alloy had much lower lives than the extruded materials, with an 
increasing difference in life at lower strain ranges. 

d) Plastic strain fatigue resistance for all the materials, regardless of processing route, could 
be described by a Coffin- Man son relationship. The HP alloy exhibited a break in the 
Coffin-Man son curve, in which the fatigue lives at low strain ranges were much shorter than 
those expected by extrapolation from high strain range portions of the curve. 

e) The large reduction in life at low strain ranges in the HP alloy is suggested to result from 
the synergistic interactions between fatigue, creep and oxidation damage in addition to the 
presence of prior particle boundaries and a higher response stress. 

0 Crack initiation and propagation in all the processing conditions occurred intergranularly 
and was aided by environmental degradation. 
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